
DOI: 10.1002/adma.200602846

Enhanced Stiffness of Amorphous Polymer Surfaces under
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Although there is an increasing appreciation that physical
properties of amorphous (glassy) polymer surfaces and inter-
faces can differ substantially from those of the bulk, the mech-
anisms and implications for mechanical performance of thin
films, surfaces of bulk polymers, and nanocomposites are un-
clear. For example, several natural and synthetic nanocom-
posites exhibit markedly enhanced stiffness and strength that
cannot be explained via two-phase composite rules-of-mix-
tures. Here we apply recent advances in contact deformation
to determine the apparent elastic (or storage) moduli over 5
to 200 nanometers from the free surface of amorphous poly-
styrene, poly(methyl methacrylate), and polycarbonate. We
observe that the apparent stiffness of the surface under con-
tact can exceed that of the bulk by up to 200%, independent
of processing scheme, macromolecular structural characteris-
tics, and relative humidity. We attribute this enhanced appar-
ent stiffness at the surface to the contact stress-induced
formation of a mechanically confined phase at the probe-
polymer interface. These observations are consistent with the
increased macromolecular mobility of glassy polymer free
surfaces, and relate directly to the material physics of the in-
terphase in synthetic and biological polymer nanocomposites.

Most experimental investigations of amorphous polymer
surfaces have focused on thermally activated behavior such as
the glass transition temperature Tg

[1–3] and structural relaxa-
tion.[4,5] However, few overarching conclusions exist regarding
surface and interface properties,[6] in large part because ex-
perimental and sample preparation capabilities have not yet
been optimized for the nanometer-length scales over which

these surface-specific phenomena are observed. There are
two generally accepted conclusions regarding amorphous
polymer surface behavior: that Tg is a function of polymer
film thickness tf for tf < 100 nm, and that the magnitude and
direction of the Tg shift depends on the polymer and/or sub-
strate[7]. For example, the Tg of amorphous polystyrene (PS)
films has been found to be depressed by 35°C in spin-coated
films of tf < 20 nm on Si substrates[1] and by 70°C for free
standing films of tf < 30 nm,[2] while amorphous poly(2-vinyl-
pyridine) has demonstrated a 35°C elevation in Tg for
tf = 10 nm that is attributed to secondary bonding with the Si
substrate.[8]

Here, we sought to consider the consequences of such a
physical property variation on the resistance of amorphous
polymer surfaces to localized contact deformation. Depres-
sion of Tg in polymers such as PS and PMMA suggests that,
over distances < 100 nm from the free surface of these so-
called glassy polymers, the macromolecular chains are more
mobile than those located within the bulk. This conceptualiza-
tion is consistent with computational simulations of molecular
mobility of free surfaces and confined volumes,[9–11] as well as
recent experimental observations for PS thin films of tf < 40 nm,
including broadened structural relaxation times[4] and de-
creased elastic moduli inferred from film buckling.[12] Such
elastic instabilities are important to defining the mechanical
behavior of polymer free surfaces; however, the response of
mechanically loaded or confined surfaces may differ from that
inferred via non-contact experiments, especially for poly-
mers.[13,14] In fact, several recent contact-based studies of poly-
mer surfaces[15–17] have indicated elastic properties differing
from that of the bulk, but both the trends and mechanisms re-
main unclear. For example, several studies have indicated
significant increases in elastic or storage moduli E or E′ of co-
polymer, semicrystalline and amorphous polymer surfaces for
indentation depths hc < 50 nm,[15,16,18,19] but may be attribut-
able at least in part to microstructural inhomogeneities on this
length scale or to experimental uncertainties such as incom-
plete knowledge of the nanoscale probe geometry.[14] In con-
trast, contact-based rheological studies in other polymers
tested[20] or heated[21] above bulk Tg have not identified differ-
ences in stress relaxation[20] or JKR adhesion-inferred elastic
moduli[21] as a function of distance from the free surface.
Here, we propose that the depressed Tg of amorphous poly-
mer surfaces can result in a mechanically distinct region at the
probe-polymer interface, resulting in an apparent stiffness
that exceeds the elastic response of the bulk polymer.
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In this study, we measured the apparent stiffness of several
amorphous polymer surfaces at room temperature, in re-
sponse to five maximum indentation loads imposed through
two well-characterized conospherical diamond probes of ap-
proximate radii R = 500 nm and 9 lm (Fig. 1a). These maxi-
mum loads corresponded to indentation contact depths hc

ranging 5 nm to >100 nm from the free surface (Fig. 1b). To
infer the elastic response of the polymer from this contact
loading as an apparent elastic modulus or stiffness Ea, we de-
signed these experiments to minimize viscous contributions[22]

and account for geometric non-ideality of the spherical
probes;[23] consideration of these and other potential artefacts
in nanoscale contact mechanics are discussed in Experimen-
tal. We intentionally chose to consider an ensemble of well-
controlled, amorphous polymers including PS and PMMA, as
the physical and mechanical properties (of the bulk and of
thin films) have been determined by us and others using sev-
eral complementary approaches.[2–4,7,12,13,17,24–28] As described
below, in all of these polymers that were considered over a
range of processing, loading, and environmental conditions,
we consistently observed an increase in apparent stiffness Ea

of up to 200% measured close to the surface, relative to that
100s of nanometers from the surface; Fig. 1c illustrates this
trend for compression-molded PS. At depths > 50 nm, Ea

tended toward the elastic moduli of the bulk polymer as mea-
sured by indentation[29] or by uniaxial compression; see Ex-
perimental. We assert that this enhanced apparent stiffness
near the surface is the result of an interface formed at the con-
tact surface confined between the polymer and the diamond
probe – a region of unique structural and/or physical proper-
ties termed the interphase.[30,31] As this phenomenon would
have significant implications regarding enhanced mechanical
stiffness of nanocomposites and other material systems that
are confined or mechanically loaded at the nanoscale, we ex-
plored this apparent stiffness as a function of processing and
thermal history, polymer structure (molecular weight, mono-
mer structure, and persistence length), relative humidity, and
experimental parameters such as probe radius.

To consider whether this surface stiffening was a function of
structural attributes of these amorphous homopolymers, we
first varied the molecular weight of PS by over an order of
magnitude. Nanoindentation of two compression-molded PS
samples of weight-average molecular weight Mw = 12.45 kg/mol
(PS-12k), near the entanglement molecular weight of
∼13 kg/mol[12] for PS, and Mw = 194 kg/mol (PS-194k) quanti-
tatively demonstrated the same stiffening at ∼5 nm from the
free surface (Fig. 2a), indicating that this stiffening mechanism
is independent of Mw, macromolecule radius of gyration, or
chain-end density at the surface, at least over this range of Mw.
In addition, we considered bulk amorphous polymers with
significantly different persistence lengths to further probe the
effects of monomer structure on this apparent stiffening. Per-
sistence length b, the length scale over which a polymer chain
is effectively rigid,[32] was compared for three amorphous
polymers: polycarbonate (PC-18k; bPC = 3 nm[33]), PMMA
(PM-15k; bPM = 1.3 nm[34]), and PS-12k (bPS = 0.9 nm[32]), over
the same range of contact depths, 5 nm < hc < 200 nm. Al-
though Ea was greatest at the surface for all three polymers,
the extent to which the PM-15k surface stiffened was signifi-
cantly less than that of PS-12k or PC-18k,[55] despite the fact
that the persistence length of PMMA is bounded by that of PS
and PC. As discussed below, this is consistent with the obser-
vation that the depression of Tg observed for PMMA is not as
pronounced as in PS of the same molecular weight ranges.[35]

Note that the apparent stiffness in Fig. 2a is normalized for all
polymers only for visual clarity, and that Ea at hc >100 nm was
consistent with that of macroscopic volumes for all poly-
mers.[55] Thus, we concluded that molecular weight and persis-
tence length do not strongly contribute to this apparent stif-
fening of the contact loaded surface.

To consider whether this apparent stiffness could be attrib-
uted to processing-dependent changes in structural, physical,
and mechanical properties at the surface[36], we employed four
different processing and thermal history routes (compression
molding (CM), injection molding (IM), spin coating (SC) and
annealing after spin coating (SC-A)) for PS and PMMA.

These routes were modified to minimize surface
roughness to < 1 nm, as confirmed by atomic force
microscopy. As shown in Fig. 2b for the case of PS-
12k, all processing routes resulted in identical in-
creases in Ea at the surface over 5 ≤ hc ≤ 200 nm.
For contact depths greater than 20 nm, spin-coated
films of ∼1 lm thickness appeared stiffer than the
compression- or injection-molded samples of milli-
meter-scale thickness. We confirmed through fi-
nite-element simulation of this experimental sys-
tem[54] that this transition is expected at such
depths due to the mechanical contribution of the
underlying, stiff Si substrate. As thin films formed
from a solvent and bulk discs formed from a con-
fined melt exhibited the same apparent stiffness at
the surface, we concluded that this effect cannot be
attributed to processing-induced artefacts at the
surface.
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Figure 1. Apparent stiffness of polymer surfaces under contact. a) Schematic of a
nanoindentation probe (image reconstructed from atomic force microscopy,
scalebar = 500 nm) approaching an amorphous polymer surface with higher molecu-
lar mobility over the first ~40 nm from the surface. b) Representative indentation
load-displacement curves to five maximum loads P corresponding to a range of inden-
tation depths h are displayed alternately in black and grey. c) The indentation elastic
modulus E increases with decreasing indentation depth hc in compression molded
polystyrene, molecular weight Mw = 12 kg/mol. Error bars represent one standard de-
viation and may be smaller than the symbol.



To consider whether ambient environmental effects such as
relative humidity could induce such a significant mechanical
changes at the polymer surface under contact, we evaluated
the CM PS-12k surface as a function of % relative humidity
(RH). As shown in Fig. 2c, this polymer demonstrated no sta-
tistical variation in Ea among experiments conducted at 42%
RH (before and after drying the polymer for 2 h in a 105°C
oven to exceed the boiling point of water) and those conducted
within a 10% RH chamber (after drying the polymer). Al-
though it would not be expected that a hydrophobic, amor-
phous polymer such as PS would be particularly susceptible to
the presence of water at the surface, this experiment confirms
this intuition over nanoscale distances from the PS free surface,

where water meniscus formation[37a] or
physical adhesion to the probe may be
plausible. Data such as in Fig. 1b also
demonstrate a lack of significant
probe-surface adhesion force (< 0.3 lN
for hc < 50 nm). Further, for our probe
radii R and apparent elastic moduli E,
and the well-documented surface ener-
gy of these polymers c, the Tabor pa-
rameter of adhesion l(R, E, c) < 2 in all
cases: neither JKR nor DMT theories
of contact adhesion apply[37b,c]. Even in
the case of strong JKR-type contact
adhesion for elastomers such as
poly(dimethoxysilane) or PDMS, it can
be inferred from recent reports that
elastic moduli extracted from indenta-
tion experiments on materials that
exhibit measurable probe-surface adhe-
sion forces (EPDMS ∼ 2.9 MPa)[37d] do
not necessarily or significantly exceed
that of uniaxial measurements on bulk
forms of those same polymers (EPDMS =
3.5 ± 0.2 MPa)[37e].

To consider whether this apparent
stiffness under monotonic loading was
representative of the storage compo-
nent of a viscoelastic response, we em-
ployed nanoscale dynamic mechanical
analysis (nano-DMA[38,39]) for the same
probes and range of contact depths. As
shown in Fig. 2d for the case of PS-12k,
we observed quantitatively comparable
increases in the apparent storage modu-
lus obtained under oscillatory loading
E′ and apparent stiffness obtained un-
der monotonic loading Ea. Importantly,
DMA includes the viscous response of
the polymer that is intentionally mini-
mized in our evaluation of Ea. Never-
theless, over the range of accessible
oscillation frequencies ranging from 10
to 250 Hz, E′ at hc < 50 nm from surface

significantly exceeded that at hc > 100 nm. Finally, none of the
inorganic crystalline and amorphous materials (e.g., single
crystal gold and borosilicate glass, Supp. Data Fig. 1) that
were characterized over the same contact depths and range of
experimental conditions exhibited an increase in elastic mod-
uli near the free surface.

Observations of enhanced mechanical stiffness of these
amorphous polymers over contact depths hc < 50 nm may ap-
pear counter to that expected from a surface of increased mo-
lecular mobility. We posited that the marked stiffening of
these polymer surfaces could be due to either a thin, mechani-
cally stiff layer spanning the entire polymer surface, or to the
formation of a mechanically distinct interfacial region induced
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Figure 2. Dependence of apparent stiffness under contact loading on polymer processing, struc-
ture, and physical environment. a) Compression molded polystyrene (PS) samples with
Mw = 12 kg/mol (black) and Mw = 197 kg/mol (blue) as well as polycarbonate (PC) with Mw = 18
kg/mol (green) exhibit statistically equivalent stiffening trends toward the surface, while
poly(methyl methacrylate), PMMA with Mw = 15 kg/mol stiffened at the surface to a lesser extent
(red). Data are normalized for each material with respect to Ea measured at hc ~ 200 nm for clarity,
as the plateau stiffness of PMMA overlaps with the decreasing stiffness trends of PS and PC.
b) Apparent stiffness Ea increases with decreasing contact depth hc in PS (molecular weight
Mw = 12 kg/mol) for compression molded (�), injection molded (�), spin-coated (�), and an-
nealed/spin-coated (�) PS. Both spin-coated samples appear stiffer for hc ≥ 20 nm than for other
processing routes because of the Si substrate contribution to the mechanical response. c) There is
no effect of relative humidity (% RH) on the extent of stiffening at the surface of compression
molded PS: 42% RH before oven drying (�), 10% RH after oven drying (�), 42% RH after oven
drying (half-filled square). d) Quasistatic nanoindentation (�) and nanoscale dynamic mechanical
analysis at an oscillation frequency of 90 Hz (�) of polystyrene (PS-12k) both demonstrate signifi-
cant stiffening of the amorphous polymer surface for contact deformation experiments. Error bars
represent one standard deviation and may be smaller than the symbol.



under the confined contact loading. Both scenarios can be
considered via comparison of the mechanical responses ob-
tained in compression-molded PS-12k for probes of radii dif-
fering by over an order of magnitude (Reff = 487 nm and
8724 nm) over the same range of contact depths (5 nm < hc <
200 nm). For a given contact depth, the larger probe will de-
form a larger volume of material that can be defined by the
radius of contact at the surface a and the surface area of con-
tact between the probe and the polymer SAc. If a stiff surface
layer exists, analytical models of bilayers under contact pre-
dict that the elastic response of this composite will be an ana-
lytical function of a, but will be independent of probe radius
R. However, as shown in Fig. 3a, this is counter to what we ob-
served: the apparent stiffness observed for two probe radii
does not result in consistent predictions of the stiff-layer mod-

ulus E1 or of the effective layer thickness t [56]. In contrast, the
apparent stiffness observed with each probe scales with the
contact surface area SAc, as determined numerically from
three-dimensional atomic force microscopy images of the ac-
tual probes to the measured contact depth hc (Fig. 3b). This
scaling strongly suggests the formation of a mechanically
unique interphase induced at the region of the amorphous
polymer surface in contact with the mechanical probe. (The
timescale for this interphase formation is less than seconds,
whereas the duration of contact shown in Figs. 1–2 is con-
strained by the requirements of elastic contact analysis[22] to
be ∼2 s; this trend in greater apparent stiffness at the surface
is also quantitatively reproduced over a range of dynamic con-
tact frequencies (e.g., Fig. 2d).)

A range of recent experiments in PS supports this interpreta-
tion of a mechanically unique, induced interface during contact
deformation of these surfaces. In particular, three distinct ob-
servations should be considered. First, although not all poly-
mer free surfaces exhibit a depressed glass transition tempera-
ture,[25] a significant depression of Tg (30 K to 70 K for
tf ∼ 10 nm) from the bulk value is consistently reported for PS
thin films, both those adhered to substrata[1,3] and freestand-
ing,[2, 27] and over a range of molecular weights. Recent work
by Torkelson et al. has demonstrated the equivalence of Tg de-
pression, indicative of molecular mobility, at the surface of
“bulk” polymers (films of at least lm-scale thickness such as
those we consider here) and at the surface of thin films (for
tf > 30 nm). PS films of tf < 30 nm also exhibited depressed Tg,
but no through-thickness gradient in this depression[1, 40]. Sec-
ond, O’Connell and McKenna found this same magnitude of
Tg depression (40 K) in free standing PS films of tf ∼ 20 nm, and
further reported that PS films tested at elevated temperatures
in the rubbery state exhibited a film thickness-dependent de-
crease in rubbery creep compliance. This decreased compli-
ance corresponded to an increase in effective stiffness of the
rubbery state from 106 Pa to 108 Pa as film thickness was de-
creased to tf ∼13 nm.[26] Third, Stafford et al. recently applied
non-contact elastic buckling[27] to determine Ea of PS films on
poly(dimethylsiloxane) at room temperature, and found an or-
der of magnitude decrease in Ea of the PS films, from 109 Pa to
108 Pa as tf approached 5 nm. To summarize these observations
in the archetypal amorphous polymer PS: as film thickness or
distance from the surface of observation decreases below
∼30 nm, the Tg of both films and free surfaces decreases signifi-
cantly, the apparent stiffness of the rubbery state increases by
two orders of magnitude, and the apparent stiffness as mea-
sured by elastic buckling decreases by an order of magnitude.

One possible interpretation that reconciles these observa-
tions and is supported by our own findings is that contact
loading creates an interfacial region of confined molecular
motion and elevated Tg with respect to the uncontacted sur-
face. Extrapolation of reported Tg (tf) for PS[1] indicates that
the Tg at a distance 5 nm from the polymer free surface is
∼20°C below room temperature. This suggests that free sur-
faces and films explored over this length scale at room tem-
perature are effectively in the rubbery regime, which is consis-
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Figure 3. Possible mechanisms for mechanical stiffening of the contacted
surface. a) The free surface could be a mechanically distinct, thin layer of
thickness t that is stiffer than the underlying, glassy polymer (E1 > E2).
Analytical theory for contact deformation of a bilayer mechanical model
predicts that the composite elastic modulus E(E1, E2, t) should vary as a
function of contact radius a, but not of indenter radius R. Fits of this
model (lines) to experimental data obtained with two probes of effective
radii Reff = 487 nm (�) and Reff = 8724 nm (�) for polystyrene (PS-12k)
do not coincide and thus do not support this model. b) A mechanically
distinct phase could be formed in the material immediately adjacent to
the probe surface, scaling with the surface area of contact SAc for any
probe radius R. These data show that Ea increases with decreasing sur-
face area of contact SAc for these probes, consistent with the formation
of an interface at the region defined by probe-surface contact. Error bars
represent one standard deviation and may be smaller than the symbol.



tent with the ∼0.1 GPa apparent stiffness observed via non-
contact creep[26] and buckling[12] of PS films. However, upon
contact with another surface such as the spherical diamond
probes used in our experiments, this highly mobile region ex-
isting within 5 nm of PS free surfaces has the potential for sig-
nificantly enhanced intermolecular interactions at the geo-
metrically confined interface induced by the indenter
probe[41]. Mechanical loading at this interface induces hydro-
static stress beneath the probe, which is well established to
increase Tg by 0.3°C/MPa (for PS and PMMA[6,42]) to
0.4°C/MPa (for PC[43]). For the range of contact pressures in
our experiments on these polymers, the hydrostatic stress be-
neath the spherical probes ranged from 250 to 400 MPa. In
contrast to contact experiments on polystyrene in which no
external force was applied,[44,45] these hydrostatic pressures in-
dicate an increase in Tg of approximately 50°C – 120°C, which
would shift the Tg of this region well above room tempera-
ture.

In other words, the uncontacted polymer surface may ex-
hibit Tg near or above room temperature (and therefore an
apparent stiffness of ∼ 0.1 GPa corresponding to the rubbery
state[12]), but the superposed contact stress shifts Tg at the
probe/polymer interface upward to at least approach the stiff-
ness of the bulk or glassy state. In addition to this mechani-
cally imposed Tg shift, attraction toward and repulsion from
the probe material could restrict molecular mobility in the
confined region of mechanical contact adjacent to the probe,
either via intermolecular interactions (enthalpic) or via
stretching or alignment of macromolecular chains with respect
to the probe surface (entropic via reduced conformations).[46]

Significant variation of enthalpic interactions upon contact
has been demonstrated by Roth et. al to decrease the molecu-
lar mobility of PS through variation of the contacting surface
material, as well as in the development of nanoparticle-poly-
mer matrix nanocomposites.[7,8,46,47].

Naturally, the relative volumetric proportion of this con-
fined interfacial region will decrease as the total volume of
strained polymer beneath the probe increases with increasing
contact depth. As a result, the contribution of this interfacial
region to the overall mechanical response will decrease to that
of the bulk polymer with increasing contact depth, as ob-
served here for depths hc > 200 nm. This contribution will be
diminished at a given contact depth for larger probe radii,
which deform a larger total polymer volume at that depth.
This is demonstrated by the comparison of apparent stiffness
measured for a given contact depth for different contact sur-
faces areas (Fig. 3b). Thus, contact-based studies of polymer
surfaces (tested or heated above bulk Tg) that employ probe
radii or contact surface areas SAc that exceed the range herein
by orders of magnitude would not be expected to exhibit mea-
surable differences in mechanical properties over tens of
nanometers from the free surface.[20,21] For this same reason,
the mechanical properties of the interphase region in nano-
particle-polymer nanocomposites will dominate the macro-
scopic mechanical response only when the volume fraction of
the interphase is significant.

In summary, contact deformation to depths of
5 nm < hc < 200 nm demonstrates as much as a 200% increase
in the apparent stiffness of amorphous polymer surfaces, as
compared to apparent elastic moduli measured for contact
depths >200 nm from the free surface. For the three amor-
phous polymers considered, this increase in Ea is independent
of processing, thermal history, macromolecular structural
properties (molecular weight or persistence length), or rela-
tive humidity. The trend in apparent stiffness scales with the
surface area of contact, and indicates that the polymer surface
stiffening mechanism is related to the creation of a mechani-
cally unique interfacial region between the probe and the
polymer surface. These results provide the basis for isolating
the effects of mechanical compression/confinement and of
probe surface chemistry on the mechanical behaviour of poly-
mer surfaces under localized contact. Our findings relate di-
rectly to the mechanical performance of polymers employed
as protective barrier coatings. Further, this contact-induced
stiffening may control deformation physics at the interphases
formed in synthetic composites of amorphous polymer ma-
trices and nanoscale particles,[7,47] as well as in biopolymeric
surfaces and interfaces that define interphase cell rheology:[48]

the unique mechanical properties of such synthetic and bio-
logical composites are often not explained by continuum rules
of mixing two distinct phases.[30,46] It is plausible that mechani-
cally distinct interphases induced upon contact loading be-
tween two phases (e.g., inorganic nanoparticles and an amor-
phous polymer matrix[49]) are responsible in part for the
unexpected mechanical performance of such materials.

Experimental

Polymer Synthesis and Characterization: Polymer standards of poly-
styrene (PS) and poly(methyl methacrylate) (PMMA) were synthe-
sized via anionic polymerization (Polymer Laboratories, Amherst,
MA) and processed via three routes by DuPont (Wilmington, DE).
Compression-molded (CM) samples were heated to ∼150°C (above
the polymer Tg) and compressed at loads of 0.3–0.5 tons (1 ton =
907.18 kg) between polished Al and an extremely smooth disk of float
glass to yield samples of 1 mm thickness. Injection-molded (IM) sam-
ples were extruded above the melting temperature into a mold surface
specially polished to reduce surface roughness, while spin-coated (SC)
samples were spun onto Si wafers at 2000 RPM on a spin-coater
(PM101D-1790, Headway, Garland, TX) using polymer solutions be-
tween 7.47 wt% and 22.4 wt% in 2-ethoxy ethanol for the PMMA,
and methyl isobutyl for the PS. Profilometry (P10, KLA-Tencor, San
Jose, CA) was used to measure the thickness of the SC PS-12k sample,
yielding tf = 1140 ± 13 nm. The SC samples were annealed at Tg +
20°C to control for the effects of residual stress or retained solvent on
the surface mechanics. The polycarbonate (PC) sample (Lexan, Du-
Pont, Wilmington, DE) was injection molded into a smooth Al mold.
All polymer sample surfaces were analyzed via optical profilometry
and/or atomic force microscopy (AFM) imaging in tapping mode for
surface roughness, and indicated root-mean-square roughness values
of ≤ 1 nm for compression molded samples for which structural and
environmental variables were considered, as well as spin-coated sam-
ples for which annealing was considered. These polymer surfaces were
tested as processed, and any chemical or mechanical treatments post-
processing were intentionally avoided. Single crystal, electropolished
gold (Accumet Materials Co., Briarcliff Manor, NY) and amorphous
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borosilicate (glass slide; VWR) served as non-polymeric control mate-
rials.

Weight-average molecular weight Mw was measured via gel perme-
ation chromatography, while differential scanning calorimetry was
used to determine the Tg of the two PS samples: Mw = 12 450 g/mol;
PDI = 1.02; Tg = 96.9°C (or PS-12k) and Mw = 194 000 g/mol;
PDI = 1.06; Tg = 106.9°C (or PS-194k), the PMMA sample:
Mw = 14,920 g/mol; PDI = 1.04; Tg = 123.9°C (or PM-15k) and the PC
sample: Mw = 18, 715 g/mol; PDI = 1.59; Tg = 145 °C (or PC-18k). In
addition, the elastic modulus under compression was measured via a
uniaxial load frame (Instron Inc., Canton, MA) for the compression
molded PS-12k sample (Ec = 2.5 ± 0.4 GPa; n = 3), although elastic
moduli extracted from micrometer-scale contact depths via (multiax-
ial) indentation loading of compression-molded PS are typically closer
to 4 GPa [29].

Nanoindentation Experiments and Analysis: Sample surfaces were
probed using an instrumented nanoindentation apparatus (TriboIn-
denter, Hysitron, Minneapolis, MN) in open-loop feedback mode to
five maximum loads corresponding to an indentation contact depth
range of approximately 5 nm to 200 nm for both indenter probe radii.
This is a rigid load frame, quite distinct in operating principles from
the cantilevered loading scheme of an atomic force microscope. In-
denters were diamond cones of 60° included angle, terminating in
spheres of effective radii Reff = 487 nm and 8724 nm, respectively. The
loading profile (2 s loading, 0.5 s unloading) was optimized on the ma-
terial exhibiting the most creep, PS-12k, according to current nanoin-
dentation analysis theory for viscoelastic materials [22] for the extrac-
tion of elastic properties via the Oliver and Pharr method [50]. All
tests were conducted at ambient humidity and at 22°C, unless other-
wise noted. The load used to define surface contact in open-loop
mode was 0.3 lN; however, control experiments were performed
using closed-loop mode and indicated that this variation in the initial
point detection method does not change the stiffness trend observed
for polymer surfaces (data not shown). Humidity controlled experi-
ments were performed on the PS-12k after 4 h of equilibration at each
of three conditions: at 42% RH (both before and after the sample was
dried in the oven at 105°C for 2 h) and at 10% RH (immediately after
oven drying).

Nanoscale mechanical characterization of polymer surfaces in-
cludes several experimental factors that can introduce significant er-
ror in the estimation of elastic properties [14]. At the outset of this
study, these potential artefacts were addressed as follows: root-mean-
square surface roughness of CM samples was ≤ 1 nm as prepared; the
indentation contact area Ac as a function of contact depth hc was con-
structed directly from AFM imaging of the diamond indenter probes,
rather than from assumption of ideal spherical geometry correspond-
ing to an effective radius Reff; the loading rate was optimized for the
extraction of the reduced elastic modulus Er [22]; and a sensitivity
analysis was conducted to ensure that the observed trends were not
affected by the finite contact load preceding acquisition of the load-
displacement (P – h) response. Finally, results were quantitatively
confirmed by identical experiments on a different instrument
(NanoTest600, Micro Materials LLC, Wrexham, UK) for PM-15k
with a probe of radius Reff = 3.3 lm.

The apparent stiffness Ea is determined via the reduced elastic
modulus Er, which is a function of a geometrical constant related to
the apex angle of the indenter and the indented material Poisson’s ra-
tio b, the unloading slope dP/dh at maximum applied load Pmax, and
the maximum projected indentation contact area Amax = Ac [50,51].

Er � b
dP�dh�P max

�A max�1�2
� 1 � t2

i

Ei
� 1 � t2

s

Es

� ��1

�1�

where the subscripts i and s denote properties of the indenter and the
surface of interest, respectively. Note that Es is a weak function of the
assumed Poisson’s ratio of the polymer surface, and that variation of
ts from 0.1 to 0.4 incurs a change in Es of less than 10% [52]. Determi-
nation of the storage elastic modulus of PS via indenter enabled nano-

scale dynamic mechanical analysis (nano-DMA [38,39]) with the
probe of radius Reff = 487 nm also indicated quantitatively compar-
able stiffening over this same range of hc (Fig. 2d); for any given hc,
the resulting surface areas of contact was greater for the larger probe.

Two conospherical diamond probes with effective radii Reff of
487 nm and 8724 nm were used for nanoindentation. To approximate
indenter size, estimates of the effective radii of the two probes were
determined by minimizing the error between the area function as pre-
dicted by spherical geometry (Asp � �ph2

c � 2pReffhc) and the nu-
merically computed area. However, for analysis of P – h responses to
extract apparent stiffness Ea via Eq. 1, the area function Ac(hc) was
obtained through analysis of AFM image ASCII coordinates (x, y, z)
for 1 lm × 1 lm and 5 lm × 5 lm scan sizes. Probes were cleaned with
acetone and a lint-free swab before experiments to remove in/organic
debris; this was verified through phase images of the probe surface.
The contact area as a function of contact depth Ac(hc) was determined
directly via Matlab analysis of AFM tip surface images as motivated
and detailed by Van Landingham et al. [23]. Note that determination
of Ea from Ac(hc) is accurate for any body of revolution, even if
spherical symmetry is not maintained. The contact surface area of the
probes as a function of contact depth was also evaluated via Matlab
analysis of AFM tip images by interpolating bilinearly among data
points and integrating numerically.
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